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Twinning plays a critical role in plasticity and strengthening of metals and alloys. In
face-centered cubic materials, mechanical twinning is considered to be realized by the
movement of twinning partial dislocations on consecutive close-packed atomic planes.
Here, we report an unrivaled twinning mechanism which is accomplished through a pre-
ceding austenite to hexagonal martensite phase transformation. This transformation-
mediated twinning operates predominantly in metastable face-centered cubic materials
with small to intermediate negative stacking fault energy. It provides a continuous av-
enue for strain accommodation and strain hardening, realizing the joint transformation-
induced plasticity and twinning-induced plasticity in the same system, and thus en-
abling the simultaneous improvement of strength and ductility. The disclosed plastic
deformation mechanism explains the behavior of a large number of known alloys and
greatly expands the composition territory for designing novel alloys with outstanding
mechanical properties.
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2Plastic properties of metallic materials are mainly mediated by the nucleation and motion of dislocations. When the
plastic deformation is solely accommodated by dislocation slips, the strength-ductility dilemma is generally inevitable
since the conventional metallurgical strengthening methods via generating internal barriers for dislocation motion
invariably cause a sacrifice in ductility [1, 2]. Introducing additional deformation mechanisms like strain-stimulated
phase transformation or twinning is an effective strategy for attaining both high strength and excellent ductility as
successfully demonstrated in the so-called transformation-induced plasticity (TRIP) and twinning-induced plasticity
(TWIP) alloys [3–5]. In face-centered cubic (fcc, γ) metals, deformation twinning (DT) is realized by Shockley partial
dislocations gliding on consecutive {111}fcc planes, while deformation-induced martensite transformation (DIMT)
from fcc to hexagonal close-packed (hcp, ε) structure (γ→ε) by partial movements on every other {111}fcc planes.
The partial dislocations for DT and DIMT are identical, therefore in the classical theory of plasticity, the above
two mechanisms are considered exclusive to each other, operating in materials with different ranges of stacking
fault energies (SFEs) [5]. Empirically, a critical SFE value (∼10-20 mJ m−2, depending on chemistry [5]) is often
placed for the deformation mode transition from DIMT to DT. However, in many metastable systems including
room-temperature fcc Co [6] and Co alloys [7], stainless steels [8, 9], high-Mn TWIP/TRIP steels [10–12], dual-
phase Fe50Mn30Co10Cr10 (fcc+hcp) [3, 4] and single-phase CrFeCoNi high-entropy alloys (HEAs) [13], and CrCoNi
medium-entropy alloy (MEA) [14–17], DIMT and DT have been simultaneously observed in the same grains, forming a
unique alternate lamellar structure composed of nanosized fcc twin (γtw) and hcp laths. Such nanoscaled deformation
structure is crucial for the accomplishment of the excellent mechanical properties of the above alloys, because both
the γ/γtw twin and the γ/ε phase boundaries can not only carry significant plasticity, but also interact strongly with
dislocations, catalyzing the remarkably enhanced work-hardening capacity [1]. However, the concurrence of DIMT
and DT challenges the current knowledge about the underlying microscopic mechanisms, which remain unclear even
after about half a century since the early observation of the γ/γtw/ε deformation lamellar structure [8]. This highly
unsatisfying state in understanding the deformation dynamics in these metastable alloys has limited the ability to
provide an accurate prediction of the composition-structure-property relationships, and more importantly, restricted
the capability of designing novel materials with superior mechanical properties.
Here we zoom in the transition zone between DT and DIMT to shed light on the atomistic processes responsible
for the deformation mode change. We identify an unorthodox twinning mechanism in metastable fcc metals and
alloys which does not follow the conventional γ→γtw layer-by-layer deformation path. Using quantum mechanical
density functional theory calculations, we show that in such systems DT can be realized through the intermediate
DIMT by sequentially activated partial dislocations which lead to a two-step γ→ε→γtw twinning process. This novel
transformation-mediated twinning (TMT) mechanism originates from the metastability of the fcc lattice and from the
basal plane shear instability of the hcp lattice. Crystallographically, it is governed by the coherent interface between
γ and ε which strictly complies with the Shoji-Nishiyama orientation relationship (S-N OR) [16] and by the stacking
sequences of fcc and hcp structures.
We demonstrate the TMT mechanism in the case of CrCoNi MEA. This alloy possesses a number of intriguing
mechanical properties due to its remarkable twinnability, especially at cryogenic conditions [18, 19]. We start from the
generalized stacking fault energy curves (GSFE, γ-surface) calculated for the fcc (Fig.1a) and hcp (Fig.1b) phases.
Since an intrinsic stacking fault (SF) can be viewed as a two-layer embryo of hcp structure embedded in the fcc
matrix (schematically ABC|BCABC, where the letters refer to the three possible close-packed layers), the SFE (γfccisf )
correlates with the hcp-fcc structural energy difference (∆Gγ→ε) through γfccisf = 2∆G
γ→ε/A+ 2σ, where A is the SF
area and σ is the fcc/hcp interfacial energy [20]. Thus the first order approximation of the SFE, γfcc0 ≡ 2∆Gγ→ε/A,
directly reflects the fcc vs. hcp structural stability. In the present case, both γfccisf (-21 mJ m
−2) and γfcc0 (-29 mJ m
−2)
signal that the hcp structure is energetically favored. Furthermore, starting from an existing SF, the hcp nucleation
and growth have a lower energy barrier (γfccusf2) to overcome than that for DT (unstable twinning energy, γ
fcc
utw, Fig.1a).
Next, we take into account the crystal orientation (Schmid’s law) [21, 22] by making use of the effective energy
barrier (EEB) for representing the competition between SF(/hcp) formation, twinning (TW), and full dislocation slip
(SL) in fcc materials under a specific shear [23]. The corresponding EEBs are
γSF(θ) = γ
fcc
usf/ cos θ, γTW(θ) = (γ
fcc
utw − γfccisf )/ cos θ, and γSL(θ) = (γfccusf − γfccisf )/ cos (60◦ − θ), (1)
respectively, where γfccusf is the unstable SFE. Here, θ measures the angle between the resolved shear stress (τ ) on the{111}fcc slip plane and the leading/twinning partial slip direction, which spans 0◦ - 60◦ according to the symmetry
of the {111}fcc plane. The preferred deformation mode is decided by the lowest EEB [23]. From the calculated EEBs
for fcc CrCoNi (Fig.1c), we see that for more than half of the orientation interval (θI= 0
◦-34◦), SF formation occurs
and SL is the favored deformation mode at larger θ (θII= 34
◦-60◦). Moreover, since γSF is always smaller than γTW,
the normal layer-by-layer twinning mechanism is usually absent in fcc CrCoNi. These results are consistent with the
previous findings [14, 24]; and the prediction that DIMT is favored is in line with the large amount of SFs observed
at early deformations in CrCoNi [14–16, 19] and other similar low-SFE materials [25, 26]. We notice that the normal
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Figure 1: Theoretical intrinsic energy barriers in fcc and hcp CrCoNi. a and b, The room temperature
GSFE curves for γ→ε DIMT and DT in fcc and for the basal stacking fault formation in hcp lattices, respectively.
c, The orientation dependent EEBs for SF formation, twinning, and full dislocation slip in fcc lattice. d, The
orientation dependent EEBs for SFhcp formation and SLhcp on the basal planes in hcp lattice. The lowest EEBs are
highlighted by thick lines. e, The EEBs for the favored deformation modes in fcc and hcp lattices, placed together
for easy comparison. f and g, The orientation dependent deformation maps illustrated on the (111)fcc planes in fcc
and the (0001)hcp basal planes in hcp lattices, respectively.
twinning could still occur in CrCoNi if a substantial affine shear precedes the slip [24], but that scenario cannot
explain the observed characteristic γ/γtw/ε lamellar structure and the low fraction of ε martensite [14–16, 19] and
thus will not be considered here.
The fresh deformation-induced hcp lamella embedded in the fcc matrix is also subject to further strains [3, 27].
The (0001)hcp basal planes possess similar in-plane symmetry as the {111}fcc planes, and therefore we can use the
above language based on EEB to explore the slip activities carried by Shockley partials on these planes. However,
due to the ACAC packing, fundamental difference arises for the activation of the leading partials in the hcp lattice
compared to that in the fcc one. In the fcc structure (ABC), there is one set of 1/6<112¯> Burges vectors (bfcc1 ,
4bfcc2 and b
fcc
3 , Fig.1f) for the leading partials on all three {111}fcc planes. In contrast, in the hcp lattice there are
two sets of Burgers vectors for the leading partials gliding on the basal planes C (bhcp1 , b
hcp
2 and b
hcp
3 ) and A (b
hcp
4 ,
bhcp5 and b
hcp
6 ), respectively, and deviating by 60
◦ (Fig.1g). In other words , instead of three as advocated in the
literature [4, 28], there are six equivalent glide directions on the hcp basal planes to generate SFhcp. Explicitly, in
the fcc lattice, the slip sequence carried out by the leading partials is always A→B→C→A; whereas the reverse slip
sequence A→C→B→A along the trailing/anti-twinning directions is normally prohibited due to the significantly high
slip barrier. On the other hand, in the hcp lattice, the A→B→C→A and A→C→B→A slip sequences are equivalent
and can be realized on the C and A slip planes, respectively. In accordance with the hcp packing sequence, the leading
partial dislocations with the same Burgers vector are however restricted to slip on every other (0001)hcp planes, which
actually leads to the ε→γ phase transformation. We assign the two slip sequences with the + and - signs. On each
hcp basal plane, the SFhcp formation competes with the full dislocation slip (SLhcp) and the corresponding EEBs for
the +/- slip sequences are
γSF+hcp
(θ) = γhcpusf / cos θ, γSL+hcp
(θ) = (γhcpusf − γhcpsf )/ cos (60◦ − θ); (2)
and
γSF−hcp
(θ) = γhcpusf / cos (60
◦ − θ), γSL−hcp(θ) = (γ
hcp
usf − γhcpsf )/ cos θ, (3)
respectively. Here, γhcpsf and γ
hcp
usf are the hcp stable and unstable SFEs, respectively (Fig.1b). We measure θ from
the slip direction leading to the positive slip sequence, which is in fact the twinning direction in the fcc host owing to
the S-N OR.
The EEBs obtained for hcp CrCoNi (Fig.1d) indicate that both SF+hcp and SF
−
hcp are the primary slip modes for low
(θIII=0
◦-26◦) and high (θV I=34◦-60◦) angles, corresponding to the partial slips on the C and A planes, respectively.
SLhcp is restricted within very narrow orientation windows, namely θIV =26
◦-30◦ on C and θV =30◦-34◦ on A. Hence,
the hcp phase of CrCoNi is strongly prone to SFhcp formation, i.e., to the ε→γ phase transformation. This phase
transformation is notably insensitive to crystal orientation, which is opposite to the standard DIMT and DT processes
in the fcc lattice [21, 22, 29]. It is very important to recognize that the ε→γ transformations in the θIII and θV I
regions yield fcc products exactly in the twin relationship (Fig.1g), because they are realized by the positive and
negative slip sequences, respectively. Therefore, such geometrical features promote the easy activation of the leading
partials with all six Burgers vectors in hcp crystallines during deformation, which will generate γ/γtw or γ/ε/γtw
lamellar structures, as yet observed in hcp Co and Hf [6, 28]. It should be mentioned that the presently disclosed
susceptibility of hcp CrCoNi to SFhcp formation is crucial also for understanding the observed phase reversion from
the pressure-induced hcp phase to the metastable fcc phase during decompression of CrCoNi-based HEAs [30, 31].
In order to derive a unified picture of the deformation process for fcc CrCoNi, we compare the lowest EEBs in
fcc and hcp phases (Fig.1e). It reveals that the pristine fcc grains with the primary slip plane having a small θ
angle (θI=0
◦-34◦) deform first by DIMT via regularly overlapping of SFs on every other (111)fcc planes, driven by
the thermodynamic stability of the hcp structure. We observe that DIMT itself is not an effective avenue for strain
accommodation, considering that only partials on every other slip planes are involved in the process. From the same
aspect, DT accommodates twice more strain than DIMT [29]. This implies that with increasing strain the fresh hcp
lamella formed in the fcc matrix has to further deform to release the local stress concentration [3, 27]. This will be
realized preferentially along the basal planes which serve as the primary slip planes because (i) the basal slips are
easier than other slips involving dislocations with 〈c〉 character in hcp metals, particularly when γhcpsf is small [32];
and (ii) the displacive nature of DIMT produces the strictly complied S-N OR ({111}fcc//(0001)hcp). We measure
the compatibility for activation of the leading partials of the same type sequentially in the fcc matrix and in the
hcp martensite by the relative EEB difference, δhcp−fccusf ≡ (γhcpusf − γfccusf)/γfccusf . For CrCoNi, δhcp−fccusf is as small as∼6% (Supplementary Table S1), which confirms that the critical resolved shear stress for the SFhcp formation can be
easily reached at the same spot as that nucleates SF in the fcc lattice. For θ in the range of 0◦-26◦ (θIII in Fig.1g),
SF+hcps are formed by the positive slips; and consequently, they transform the fresh hcp lamella forward to the fcc
twin, viz. ABC/ACACACAC/ABC (γ/ε/γ)→ABC/BA|CB|A/CAC/ABC (γ/γtw/ε/γ), and thus realizing the novel
TMT mechanism. These processes explain why the strain-induced hcp phase in CrCoNi cannot grow in thickness,
but remains limited to nanosize, even through it is thermodynamically stable [14–17].
Further deformation parallel to the primary slip plane in the fresh fcc twin should be carried out by extensive
full dislocation slips, as implied by the EEBs (Fig.1c). However, such full dislocation slip in the fresh twin lamella
is a harder deformation mode compared to the easy leading partial slips in the fcc matrix (see Supplementary note
S1). This stimulates further nucleation of new SFs/hcp in the close front of the coherent twin boundary (CTB)
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Figure 2: Schematic of deformation structure evolution with increasing strain level (1 to 3) via
different twinning mechanisms. a, Transformation-mediated twinning, showing the γ→ε→γtw two-step
twinning process, the formation of the γ/ε/γ and γ/γtw/ε/γ deformation lamellar structures, the coherent and
incoherent twin boundaries. b, Normal layer-by-layer twinning in thermodynamically stable fcc materials.
with increasing strain, and then twin thickness grows by TMT. Preferential nucleation of partial dislocations from
twin and grain boundaries has been demonstrated in many alloys [26, 33]. Considering the fact that the local
stress concentration raised by dislocation pile-ups in the neighboring grain against the grain boundary should decay
with increasing the distance away from the piled-up dislocations, repeating the above twinning process produces the
experimentally observed hierarchical twinning architecture with increasing strain levels (Fig.2a) [34]. At even larger
strains, extensive full dislocation slips parallel to the CTBs are activated. Those twin lamellar therefore function as
pathways guiding dislocation slips, making significant contributions to the ductility of the alloy [25, 26]. Additionally,
at large strains slips on the secondary slip planes impinging the CTBs are also expected, which are usually stopped at
or redirected along the CTBs [25, 26], particularly when the CTBs are reinforced by the presence of SFs or thin hcp
laths. Such interactions mostly contribute to the high strain-hardening rate and high strength. Overall, high density
of deformation twins are capable of simultaneously improving strength and ductility, as realized in the CrCoNi MEA.
The TMT mechanism fully explains the observed γ/ε/γ and γ/γtw/ε/γ lamellar structures in deformed CrCoNi
MEA [14–17]. It is worth noticing that the hcp nano laths are mostly observed at one side of the twins [14–17].
An obvious evidence for TMT is given by the reported images of the deformation substructure in CrCoNi MEA
obtained by high-angle annular dark-field scanning transmission electron microscopy [15]. Those images show that
the hcp phase is in the immediate front of γtw in the same lamella of several atomic layers, as inferred from the
present TMT mechanism (Fig.2a). Furthermore, the new twinning mode leads to the formation of two types of twin
boundaries, the Σ3{111} CTB and the incoherent twin boundary (ITB) [34]. Here, the ITB is composed of two arrays
of Shockley partials, which are close to each other and bound a narrow hcp region (Fig.2a). We recall that the normal
layer-by-layer twinning mechanism produces an arrowhead-shaped twin tip in accordance to the Peach-Koehler forces,
Fig.2b [35]. We further emphasize that the nature of the above ITB is different from the previous reported Σ3{112}
ITB which mostly locates at the end of growth twin in pure fcc metals with positive SFEs [36]. The Σ3{112} ITB
commonly composes of two arrays of partials with periodic groups of bfcc2 :b
fcc
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Figure 3: The γfccisf versus δ
hcp−fcc
usf relation for metastable metals and alloys. The observed primary
deformation mechanism [4, 7, 13–15, 27, 39–45] changes from DT to DIMT+DT and then to DIMT with decreasing
γfccisf . Data is also listed in Supplementary Table S1. The insert plots the relation between γ
fcc
isf and γ
fcc
0 for the same
set of alloys as in the main figure, showing that the two quantities correlate well with each other and that decreasing
γfccisf indicates less stable fcc structure.
hexagonal structure [36]. It is a high energy defect and generates no macro strain. In stark contrast, the two arrays
of partials in the present ITB are of the same Burgers vector and the formation of such ITB is an energy-gain process
in the metastable alloy. Admittedly, TMT enables the systems to deform sequentially by massive amount of hcp and
twin nano laths, enriching the combined TRIP and TWIP effects. Because the released energy (∆Gγ−ε) in its first
step can prominently assists the thermal activation of partials in the second step (Fig.2a), TMT is an intrinsically
self-catalyzing process to generate twins in metastable fcc alloys.
Returning to the fresh hcp lamella, we observe that for θ values in the ranges of 26◦-30◦ (θIV ) and 30◦-34◦ (θV ),
the hcp structure survives because it deforms by SLhcp (Fig.1g). This sets the upper limit for the volume fraction
of the retained deformation-induced hcp phase not prone to the ε→γtw transformation to ∼13% in polycrystalline
CrCoNi MEA. If we consider the strong texture development and grain rotation towards twinning favorable direction
during deformation [15, 16], even less hcp phase is expected to be reserved in actual observation. This quantitatively
explains why only a modest amount of hcp (∼3%) was observed at the fracture strain in CrCoNi MEA [16].
For θ in the range of 34◦-60◦ (θV I), the hcp lattice is converted back to the fcc one by partials with Burgers vector
(bhcp6 ) that leads to the negative slip sequence, ABC/ACACA→ABC/A|BC|AB (Fig.1g). This case is relevant for
deforming the fcc+hcp dual-phase CrCoNi alloy which has recently been fabricated [37]. We notice that the growth of
the hcp and fcc phases are also in the S-N OR [37]. Considering slips on the conjugated {111}fcc//(0001)hcp planes, the
present results indicate that instead of having full dislocation slips on {111}fcc (significantly higher γSF and γSL than
γSF−hcp
at large θ), deformation will be preferably accommodated by the hcp→fcc (SF−hcp) transformation. It implies
that in the fcc+hcp dual-phase alloys, e.g., metastable stainless steels, high-Mn TRIP steels [38], Fe50Mn30Cr10Co10
[4] and CrCoNi-based HEAs [39–41], geometric restriction set by the phase interface or boundary orientations strongly
alters the local deformation behavior, even overriding the relative phase stability. Indeed, in a high-Mn TRIP steel
(Fe-17Mn-0.18C (wt.%)) , the thermally induced hcp martensite was observed to transform back to the fcc phase
which has the same orientation with the adjacent fcc grains and further deforms by dislocation slips [38], in perfect
agreement with the present analysis.
In order to establish the general conditions for TMT, we analyze the γfccisf versus δ
hcp−fcc
usf relation for a group of
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Figure 4: Correlation between γfccisf and tensile properties. The measured room-temperature elongation to
failure (EL,%) is plotted as a function of the ultimate tensile strength (UTS, MPa) for the studied metastable alloys
from Refs.[3, 7, 18, 27, 39–48] (explicit values in Supplementary Table S1). The best combination of EL and UTS is
reached at the TMT most effective region. The UTS×EL lines of 20, 40 and 60 GPa% are shown as thick dashed
lines. The color code shows the size of the corresponding γfccisf .
metastable metals and alloys (Supplementary Table S1). It is observed that δhcp−fccusf increases linearly with decreasing
γfccisf (Fig.3). Decreasing the negative γisf provides more thermodynamic driving force for the first step of TMT, γ→ε
(insert in Fig.3), but simultaneously making the second step, ε→γtw more difficult. Therefore, the TMT mechanism is
most efficient for a range of small negative γfccisf accompanied by small δ
hcp−fcc
usf . Accordingly, the primary deformation
mode should gradually change from DT to DT+DIMT and then to DIMT with decreasing γfccisf , which is in perfect
agreement with experimental observation (see the deformation modes summarized in Supplementary Table S1). In
particular, when comparing CrCoNi with CrMnFeCoNi, we find that even though they have similar δhcp−fccusf , the γ
fcc
isf
of CrCoNi (-21 mJ m−2) is less than that of CrMnFeCoNi (-5 mJ m−2), suggesting that the first step of TMT in
CrCoNi is more pronounced than in CrMnFeCoNi (Supplementary note S2). This observation clearly deciphers the
underlying mechanism of the higher twinning propensity and thicker hcp nanolaths in CrCoNi, thus the superior
mechanical performance [14, 19]. When the γfccisf is further decreased, the deformation-induced ε phase becomes
increasingly stable and the second step of TMT will be strongly suppressed. Experimentally these metals and alloys
are usually observed as deforming by DIMT, e.g., Co, high-Co HEAs [39] and metastable austenitic stainless steels,
but TMT may still occur in a modest fashion [8, 9]. In the case of Co (γfccisf = −97 mJ m−2 at 300K), δhcp−fccusf
is as large as ∼28%, and thus TMT is least expected in normal tensile experiments (Supplementary note S3) [6].
However, in the fcc+hcp dual-phase Co polycrystalline, both forward and reverse hcp↔fcc transformations, as well
as the γ/γtw/ε lamellar structure were observed under severe deformation conditions [6]. In general, high fraction
of ε martensite causes fast reduction of ductility by aggressively increasing the work-hardening rate which leads to
premature fracture [7, 10, 39]. Therefore, in order to reach synergy of high strength and high ductility, the present
findings suggest that alloy composition should be selected to make the best use of the TMT mechanism. Indeed, for
all the metastable alloys investigated here (Fig.4, also Supplementary Table S1), the best mechanical performance is
obtained for the alloys complying with this design strategy. Remarkably, the best “TMT alloys” possess exceptional
8combination of strength and ductility (>40-60 GPa%), surpassing most of the conventional steels and alloys (∼ 20
GPa% [49]) and even the high performance fully austenitic stainless steel (316L) strengthened by nano-sized twin
bundles (∼ 40 GPa%) [50].
The disclosed novel TMT mechanism provides a solid physics-based understanding for the deformation structure
and the superior mechanical properties in a group of high performance alloys. The present understanding of the
plasticity in metastable metals and alloys advances the current knowledge on the deformation behaviors in both fcc
and hcp materials and guides the design of advanced materials with optimal combination of strength and ductility
based on the parameters extracted from quantum mechanical calculations.
METHODS
Theoretical methodology
Ab initio calculations based on density-functional theory were performed using the exact muffintin orbitals method
[51]. The exchange-correlation functional was described with the generalized gradient approximation [52]. The
KohnSham equations were solved within the scalar-relativistic and soft-core schemes. Because the CrCoNi-based
alloys commonly have very low Curie temperatures, at room temperature they were described in the paramagnetic
state modeled by the disordered local magnetic moment approximation [53]. The chemical and magnetic disorders
were taken into account using the coherent potential approximation [51]. The free energies at room temperature
included the lattice expansion and magnetic entropy terms. For metals and alloys with Curie temperature higher
than room temperature, e.g., Co and high-Co alloys, ferromagnetic calculations were performed.
The γ-surfaces in both fcc and hcp were calculated using the hexagonal supercells with 12 close-packed atomic
layers along the c (<111>fcc or <0001>hcp ) direction. The generalized stacking fault structures were obtained by
tilting c axis along the <112¯>fcc or <1¯010>hcp directions, respectively, by a shear vector u, i.e., c = c + u, where u
is from 0 to one Burgers vector of the Shockley partial dislocation. The numerical parameters were set so that the
error bar in the computed intrinsic material parameters is below ∼2 mJ m−2.
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2A. Note S1. The θ values in the matrix and twin parts
For the deformation-induced γ/γtw structure, the θ values on the {111} slip planes parallel to the coherent twin
boundary in the matrix (θM) and twin (θT) parts are related by θT = 60o− θM because the twinning directions in the
matrix and twin parts deviate by 60o. Therefore, for CrCoNi when θM is in the range of 0o-26o, θT is in the range of
60o-34o. It indicates that the preferred deformation mode is the full dislocation slip in the fresh twin part, but with
a significant larger EEB than the stacking fault formation in the matrix, γSF(θ
T) > γSF(θ
M).
B. Note S2. Effective energy barriers for CrMnFeCoNi HEA
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FIG. S1: Calculated EEBs in fcc (a) and hcp (b) CrMnFeCoNi HEA.
In the case of CrMnFeCoNi, both ab initio calculations and experiments show a higer γfccisf than that of CrCoNi
[14, 19, 24, 59, 60, 62, 63]. The hcp polymorphism was observed at high pressure [30, 64], but at ambient conditions
and cryogenic temperatures, only very rare/extremely thin hcp laths were found in normal tensile experiments [14].
Noticeably, the observed thin hcp layers at cryogenic temperature occur also on the coherent twin boundaries [14], an
indication for the operation of TMT. Firstly, the small negative γfccisf indicates that the thermodynamic driving force
for DIMT is weak and less deformation-induced hcp phase is expected, compared to the case of CrCoNi. Secondly,
the particular shape of γ-surface with almost equal γfccusf and γ
fcc
utw leads to similar probability for the DIMT and for
the conventional layer-by-layer twinning. Thirdly, the orientation window for the retained hcp (θI − θIII) in Fig.S1 is
limited to 26◦-31◦, i.e., ∼38% smaller than that in CrCoNi. Overall, it leads to the conclusion that the deformation-
induced hcp phase, if it indeed occurs in the severe competition with normal twinning, are potentially subjected to
further ε→γtw transformation, and then barely any hcp phase survives in actual observation.
The obtained γ-surfaces for Cr16Co40Ni44, Cr25Fe30Co20Ni25, Cr25Fe20Co30Ni25, Cr25Fe15Co35Ni25, CrFeCoNi,
CrMnFeCoNi and Fe40Mn40Cr10Co10 are very similar as listed in Table S1, as well as the observed primary deformation
mechanism at room temperature, all by DT [7, 13, 40, 45]. Decreasing temperature can decrease the γisf of these alloys,
which will promote TMT. For example, at cryogenic deformation temperatures such as 77K and 4.2K, in CoFeCoNi
the γ/γtw/ε lamellar structure was clearly resolved by high-angle annular dark-field scanning TEM, indicating the
operation of TMT mechanism [13]. Additionally, one may decrease the γfccisf by tuning composition to further promote
TMT. For instance, increasing Co content (and decreasing Ni) in the Cr-Mn-Fe-Co-Ni alloys, the primary deformation
3TABLE S1: Theoretical generalized stacking fault energies (GSFE, mJ m−2) for various metals and alloys in both
fcc and hcp structures, in comparison with available theoretical (Calc.) and experimental (Exp.) data in the
literature. The room temperature GSFEs are calculated at the corresponding experimental lattice parameter of the
fcc structure or at the lattice parameter estimated by a regression formula [54] in case that the experimental value is
missing. Paramagnetic (PM) calculations are performed, except for Co and Co-rich alloys which are ferromagnetic
(FM) at 300K. The nonmagnetic (NM) results in the literature are also included for comparison. Values of γfcc0 and
δhcp−fccusf are listed (see main text for definition). The reported primary deformation mechanisms (DT and/or DIMT)
during normal tensile tests at both room and cryogenic temperatures are indicated. The measured elongation to
failure (EL,%) and ultimate tensile stress (UTS, MPa) for coarse-grained alloys at room temperature in the
literature are listed. All concentrations are given in at.%.
fcc hcp
T Magnetic state a (A˚) γfccusf γ
fcc
isf γ
fcc
utf γ
fcc
esf γ
hcp
usf
γ
hcp
isf
γfcc0 δ
hcp−fcc
usf
Deformation mode UTS (MPa) EL (%)
Co 300K FM 3.538[55] 297 -97 234 -116 379 86 -96 27.6%
Co 0K FM 3.529 300 -103 238 -119 388 87 -100 29.3%
Calc.[14] 0K FM 3.522 -137 -111 -89
Calc.[14] 300K FM -67
Exp. 27±4[56] DIMT
31±5[57]
CrCoNi 300K PM 3.567[19] 306 -21 295 -13 325 35 -29 6.2%
CrCoNi 0K PM 3.526 350 -29 336 -18 382 56 -43 9.1%
Calc.[58] 0K NM 3.526 -43 -28
Calc.[34] 0K NM 3.516 264 -24 310 -17 -
Calc.[59] 0K FM 3.532 280 -62 -42 -40
Calc.[14] 0K FM 287 -38 251 -20 -58
Calc.[14] 300K FM -53
Exp. 3.529[60] 18±4[60] DIMT+DT[14–16] 850 55[42]
3.567[19] 22±4[19] 840 58[46]
890 75[18]
Cr16Co40Ni44 300K FM 3.551 335 -9 335 5 351 41 -26 4.8% DT[7] 542 39[7]
Cr16Co54Ni30 300K FM 3.548 334 -55 309 -35 393 87 -70 17.7% DIMT[7] 692 55[7]
Cr25Co37.5Ni37.5 300K PM 3.561 323 -2 324 7 329 28 -16 1.9% 750 60[42]
Cr45Co27.5Ni27.5 300K PM 3.584 271 -39 249 -35 310 48 -43 14.4% 990 48[42]
CrFeCoNi 300K PM 3.577[54] 299 -1 298 7 301 26 -13 0.7%
Calc.[59] 0K NM 3.540 240 -23 -25
Exp. 3.565[60] 27±4[60] DT[13, 40], DIMT+DT (77K)[13] 625 52[40]
640 47[46]
582 82[47]
786 49[47]
610 78[39]
Cr25Fe30Co20Ni25 300K PM 3.580 290 1 291 10 294 25 -13 1.4% DT[40] 600 48[40]
Cr25Fe20Co30Ni25 300K PM 3.573 304 -7 302 1 315 29 -19 3.6% DT[40] 675 68[40]
Cr25Fe15Co35Ni25 300K PM 3.569 310 -12 305 -3 327 38 -26 5.5% DT[40] 725 66[40]
Cr25Fe25Co35Ni15 300K PM 3.575 291 -26 279 -15 325 55 -41 11.7% DIMT[41] 750 65[41]
Cr25Fe30Co35Ni10 300K PM 3.578 290 -33 275 -21 334 64 -49 15.2% DIMT[41] 825 50[41]
Cr25Fe35Co35Ni5 300K PM 3.580 292 -40 274 -28 347 73 -56 18.8% DIMT[41] 900 42[41]
Cr25Fe40Co35Ni0 300K PM 3.583 294 -49 271 -35 355 81 -65 20.7% DIMT[41] 1000 35[41]
Cr25Fe20Co35Ni20 300K PM 3.572 306 -15 298 -6 318 34 -26 3.9% DT[39] 720 95[39]
Cr25Fe15Co45Ni15 300K PM 3.568 312 -33 296 -23 344 48 -43 10.3% DIMT[39] 850 85[39]
Cr25Fe10Co55Ni10 300K FM 3.563 291 -84 246 -82 382 98 -92 31.3% DIMT[39] 750 20[39]
Cr25Fe5Co65Ni5 300K FM 3.559 292 -115 230 -114 412 124 -121 41.1% DIMT[39] 850 12[39]
CrMnFeCoNi 300K PM 3.594[61] 280 -5 278 4 292 30 -18 4.3%
Calc.[14] 0K FM 374 -31 313 3 -43
Calc.[14] 300K FM -26
Calc.[59] 0K FM 3.541 -54 -25
Exp. 3.576[60] 26.5±4.5[60] DT[43], DT+DIMT (77K)[14] 763 57[43]
3.606[62] 30±5[62] 550 78[48]
497 55[47]
851 25[47]
585 42[46]
625 60[48]
565 73[44]
639 53[27]
Cr20Mn15Fe15Co35Ni15 300K PM 3.582 290 -22 279 -12 320 52 -38 10.3% DT[44] 675 97[44]
Cr25Mn15Fe10Co35Ni15 300K PM 3.585 285 -36 268 -24 330 64 -50 15.8% DIMT[44] 800 75[44]
Cr20Mn20Fe20Co23Ni17 300K PM 3.598[27] 276 -9 272 0 292 35 -22 5.8% DT[27] 666 57[27]
Cr20Mn20Fe20Co27Ni13 300K PM 3.595[27] 279 -20 270 -9 308 48 -34 10.4% DT[27] 725 61[27]
Cr20Mn20Fe20Co30Ni10 300K PM 3.593[27] 282 -28 269 -17 322 58 -43 14.2% DT+DIMT[27] 821 69[27]
Fe50Mn30Cr10Co10 300K PM 3.600[4] 278 -21 267 -8 308 54 -33 10.8% DIMT+DT [4] 880 75[3]
725 50[3]
Calc.[4] 300K NM -23
Fe40Mn40Cr10Co10 300K PM 3.621[45] 260 -3 257 4 266 23 -10 2.3% DT[45] 489 57[45]
4modes were shown to change from DT to DT+DIMT, accompanied with simultaneously improved strength and
ductility [27].
C. Note S3. Effective energy barriers for Co
The calculated EEBs in fcc and hcp Co are plotted in Fig.S2. Because of the big negative γfccisf , stacking faults
and fcc→hcp phase transformation can easily occur during deformation, which is also reflected by the broad range of
θI = 0
o−45o in Fig.S2 (a). The δhcp−fccusf is however, very high, ∼28%, indicating that subsequent ε→γtw transformation
can not easily happen. Nevertheless, under extreme conditions such as high-pressure torsion (HPT) [65] and surface
mechanical attrition treatment [6, 66], the TMT chain deformation process γ→ε→γtw still occurs, as evidenced by
the observed γ/γtw/ε lamellar structure in the fcc grains [6, 66]. The same experiments have also shown extensive
stacking faults on the basal planes in the hcp grains [6, 66]. Nano-sized fcc phase in the hcp Co grains was also
observed in molecular dynamic simulations [67]. Edalati et al. [65] showed that during HPT processing of Co, the
fcc→hcp transformation occurs until the average grain size reaches submicrometer level, but the reverse hcp→fcc
phase transformation occurs when the grain size is reduced to the nanometer level. Temperature rise during HPT
was ruled out as the reason [65]. The above experimental results are consistent with our prediction in Fig.S2 (b),
showing basal stacking fault formation for θ in the ranges of 0◦-18◦ and 42◦-60◦. Notice that in the hcp grains of
Co, the {101¯1} deformation twins and <c+a> dislocations compete strongly with dislocation activities on the basal
planes, which may also suppress TMT [6, 66, 67].
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FIG. S2: Calculated EEBs in fcc (a) and hcp (b) Co.
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